Nitrogen in austenitic stainless steels and its effect on the stacking fault energy (SFE) has been the subject of intense discussions in the literature. Until today, no generally accepted method for the SFE calculation exists that can be applied to a wide range of chemical compositions in these systems. Besides different types of models that are used from first-principle to thermodynamics-based approaches, one main reason is the general lack of experimentally measured SFE values for these steels. Moreover, in the respective studies, not only different alloying systems but also different domains of nitrogen contents were analyzed resulting in contrary conclusions on the effect of nitrogen on the SFE. This work gives a review on the current state of SFE calculation by computational thermodynamics for the Fe-Cr-Mn-N system. An assessment of the thermodynamic effective Gibbs free energy, G γ →ε , model for the γ → ε phase transformation considering existing data from different literature and commercial databases is given. Furthermore, we introduce the application of a non-constant composition-dependent interfacial energy, b γ /ε , required to consider the effect of nitrogen on SFE in these systems.
Introduction
The effect of nitrogen on the stacking fault energy (SFE) and the resultant deformation behavior in austenitic stainless chromium-manganese steels have been extensively discussed Content from this work may be used under the terms of the Creative Commons Attribution-NonCommercial-ShareAlike 3.0 licence. Any further distribution of this work must maintain attribution to the author(s) and the title of the work, journal citation and DOI.
in the literature [1] [2] [3] [4] [5] [6] [7] [8] [9] [10] [11] [12] [13] [14] [15] [16] [17] . However, intensive research has not lead to a general analysis which, besides the general lack of experimentally measured SFE values in that system, is mainly due to different domains of nitrogen contents and different alloying systems that are analyzed in the respective studies. In figure 1 , the dependence of SFE on the nitrogen content in different reported systems is shown. In that regard, it has been reported that nitrogen increases the SFE in Fe-Cr-Mn [1, 2] , Fe-(Mn)-N [3] , Fe-Mn-Si-Al [4] and Fe-Cr-Mn-C [5, 6] , or decreases the SFE in Fe-Cr-Ni-Mo [7] , Fe-Cr-Mn [8] , Fe-Cr-Ni [8, 9] , Fe-Cr-Ni-Mn [10] and Fe-Mn-N [11] systems, but also results in a non-monotonous behavior of SFE as seen in the Fe-Cr-(Ni)-Mn system [12] [13] [14] [15] [16] .
Nevertheless, the studies of Gavriljuk et al [16] and Petrov [14, 15] revealed that the effect of nitrogen in Fe-Cr-Mn is not comparable with that of the Fe-Cr-Ni system due to the differences in the free electron state resulting from the Ni-N and Mn-N interactions. Therefore, the reported SFEs in these works for the Fe-15Cr-17Mn system with nitrogen content of 0.06-0.88 wt% are the only available experimentally measured values in nickel-free austenitic stainless steels besides the works of Jandová et al [17] for the steel Fe-20Cr-17Mn-0.4N with a SFE of 22 mJ m −2 and Lee et al [1] in the system Fe-18Cr-10Mn with 0.33-0.69 wt% nitrogen that cover a wide range of nitrogen content.
In order to estimate the SFE in austenitic stainless steels with different chemical compositions, various methods using computational thermodynamics assessments [12, 14, [19] [20] [21] , including the latest works by Curtze et al [22] and Roncery et al [23, 24] , quantum mechanical first-principle approaches [3, 25, 26] , and empirical equations-as recently proposed by Lee et al [18] for the Fe-Cr-Mn-CN system-based on experimental analysis [9, [27] [28] [29] have been investigated. A widely used approach to calculate an ideal SFE was proposed by Olsen and Cohen [30] which defines the required Gibbs free energy to form an intrinsic stacking fault by the movement of a single Shockley partial dislocation on a close packed plane. Since the motion of the partial dislocation occurs on every second plane, a hexagonal close packed (hcp) crystalline structure is formed with a thickness of two atomic layers. According to Adler et al [31] , the core equation to calculate the SFE is
where ρ is the molar surface density along {111} planes, G γ →ε is the change of the molar Gibbs free energy due to the phase transformation of face cubic centered (fcc) austenite (γ ) to hcp-ε-martensite, and b γ /ε defines the interfacial energy of the λ/ε-interface that can vary within different alloying systems [32, 33] . Since nitrogen is known to be a strong austenite stabilizer and suppresses the formation of α'-or ε-martensite in the Fe-Cr-Mn system [1] , a linear increase of the Gibbs free energy, G γ →ε , by alloying with nitrogen is observed. However, the reported non-monotonous dependence of SFE on nitrogen content (as seen in the Fe-Cr-Mn compositions of figure 1) can no longer be expressed by a linear relation to G γ →ε as described by equation (1) where the interfacial energy is set constant.
This article gives a review on the current state of SFE calculation by computational thermodynamics for the Fe-Cr-Mn-N system. The thermodynamic data available in the literature and in software databases such as Thermo-Calc for the G γ →ε model as a thermodynamic basis for the SFE calculation are evaluated. Based on equation (1), the two common methods for the SFE calculations in this system are validated by a number of investigated chemical compositions from literature with the given microstructures before and after deformation at room temperature as shown in table 1. It is proposed that in order to consider the effect of nitrogen on SFE, a composition-dependent description of the interfacial energy, b γ /ε , is required that has not yet been described in the literature.
Thermodynamic modeling of Gibbs free energy ∆G γ→ε
In several works on the SFE calculation in the Fe-Mn-C system [32, [60] [61] [62] and also on austenitic stainless steels [22] , the applied thermodynamic model for the calculation of an effective Gibbs free energy of the γ → ε phase transformation, G γ →ε , has been defined as a subregular solid solution model with ideal entropy of mixing which assumes the elements of a system to be in a random mixing. In the mentioned model, the interstitial elements like carbon or nitrogen have been considered to be in a substitutional solution without taking vacancies into account. As a consequence, the effect of interstitial elements is described insufficiently with respect to the thermal and furthermore, mechanical phase stability in the SFE calculation (figure 2). The SFE value defines the activation of transformation induced plasticity (TRIP) and twinning induced plasticity (TWIP) mechanisms and by that strongly influences the work-hardening behavior [62] . Above the TRIP/TWIP transition line, the activation of deformation twinning defines the variations and the levels of work-hardening rate diagrams. In this range of SFEs, lower SFE values result in the formation of finer twins, progressive decrease in the mean free path of dislocations by continuation of the plastic deformation referred to as the dynamic Hall-Petch effect, and cutting of dislocation substructures by twin boundaries [61] . While in the SFE range below the TRIP/TWIP transition line the γ → ε-martensite and γ → ε → α -martensitic transformations are Thermodynamics-based SFE mechanism map of the Fe-Mn-C system calculated according to Saeed-Akbari et al [62] using the subregular model (red lines) and Djurovic et al [63] using the sublattice model (black lines).
possible, resulting in a markedly high work-hardening rate at low strains but sudden drop of work-hardening rate until fracture.
Moreover, the employed interaction parameter, γ →ε , for the calculation of the excess Gibbs free energy in the subregular model considers only the second order, binary interactions for each pair of system constituents multiplied with the relevant molar fractions. The importance of the interaction between the alloying elements in quaternary Fe-Cr-Ni-X alloys (where X = Mn, Cu, Nb) was intensively discussed in the work by Lu et al [64] using a quantum-mechanical all-electron first principle method. It was found that due to the interaction of the alloying elements, the effect of each single element on the SFE can change dramatically and therefore needs to be taken into account for SFE calculations using computational thermodynamics. With it, particularly in higher ordered systems with more than two components, applying the subregular solid solution model for the calculation of G γ →ε can be seen as an oversimplification. Hence, in most CALPHAD works, a generally accepted thermodynamic model that accounts for the real crystalline structure is used. In the so-called sublattice model, elements that are sufficiently different can occupy different sublattices and vacancies are treated as separate elements in the interstitial sublattice while random mixing in each sublattice is assumed [65] . The application of the sublattice model for the G γ →ε calculation in the SFE equation (1) is already known from the works by Ferreira and Müllner [21] in the Fe-Cr-Ni system, Roncery et al [23, 24] in the Fe-Cr-Mn-N using Thermo-Calc software, but also by Nakano and Jacques [33, 66] in the Fe-Mn-C system. Above all, the Fe-Mn-C austenitic steels are one of the currently well-established austenitic high-Mn systems [67] . Besides the SFE calculations performed by Saeed-Akbari et al [62] using the subregular model, the latest improvement of the thermodynamic parameter employing the sublattice model was proposed by Djurovic et al [63] in this system. As can be seen from the corresponding SFE mechanism map in figure 2 as a function of manganese and carbon, the effect of the interstitial element carbon on the SFE and by that on the austenite phase stability strongly depends on the applied subregular or sublattice model.
In the early 1990s, Qui [68] adopted the sublattice model to the quaternary Fe-Cr-Mn-N system in order to predict the thermodynamic phase stabilities and phase-relations as a function of nitrogen content. Since then, no further adjustment of the model has been done, even though different combinations of thermodynamic parameter and their interpretation can be found in literature. In the following, the calculation of G γ →ε is described and analyzed on the basis of the model by Qui [68] taking into account the additional findings from the literature, giving an overview of the current state of the thermodynamic model.
Thermodynamic two-sublattice model
Introduced by Hillert and Staffansson [69] in the two-sublattice model, the observed fcc and hcp phases for the calculation of an effective Gibbs free energy of the γ → ε phase transformation, G γ →ε , are treated as interstitial solutions of nitrogen in the γ -Fe and ε-Fe, respectively. In the evaluation of Cr-N, Mn-N and Fe-N binary systems, the M 2 N phase is regarded as a nitrogen-rich solution within the hexagonal M. Therefore, the interstitial solution of nitrogen in the hcp phase of a metal can be described by the same thermodynamic parameters as the M 2 N nitride. The M 2 N phase is approximated in the form of (Cr, Fe, Mn) 1 (N, Va) 0.5 with the site occupancy of 1:0.5, where it is assumed that the interstitial sites are never simultaneously occupied [70] , and Cr 1 va 0.5 , Fe 1 va 0.5 and Mn 1 va 0.5 represent pure chromium, iron and manganese in the hcp state, respectively [71] . In the fcc phase, (Cr, Fe, Mn) 1 (N, Va) 1 , the number of sites in each sublattice is equal to one. The Gibbs free energy of every phase, G , can be then calculated separately, with the site numbers in each sublattice of a = c = 1 for fcc and a = 1, c = 0.5 for hcp, as follows:
where
with i, j = Fe, Mn, Cr. The first term of the Gibbs free energy refers to the ideal reference state of a solution that defines the Gibbs energy of the interactions between neighboring atoms of elements in different sublattices [65] , while the second term is the ideal entropy of mixing. The terms G excess and G magn represent the contributions to the Gibbs energy due to the interactions between different elements and the magnetic ordering, respectively. The interaction parameter, L, in the excess Gibbs energy term, G excess , is composition-and temperature-dependent according to the Redlich-Kister [72] power series. The magnetic contribution to Gibbs free energy, G magn , is described by using the approach of Hillert and Jarl [73] formulated as a Taylor expansion of the formalism proposed by Inden [74] restricted to the third term. The critical temperature for the anti-ferromagnetic ordering,
• T Neel , and the total magnetic entropy,
• β , are expressed as functions of temperature and composition. It is assumed that nitrogen has no effect on the magnetic term of the Gibbs free energy of the fcc and hcp phases [12, 66, 75] .
All thermodynamic parameters available in the literature for the G γ →ε calculation are summarized in table 2. Evaluated from the binary systems Cr-N [76] , Fe-N [76] and Mn-N [77] , the Gibbs free energies,
• G i:N , represent the state of energy in which all interstitial sites are filled with nitrogen. The parameters
• G i:Va denote the Gibbs free energy of the pure elements in a hypothetically nonmagnetic state originated from the scientific group thermodata Europe (SGTE) database for pure elements after Dinsdale [78] . The variables y i, j are the site fractions of the components i, j in the equal sublattice. For the substitutional sublattice,
and for nitrogen the interstitial sublattice with vacancies is defined as
where x denotes the mole fraction of each element in the system. The site fractions are correlated as follows:
The ternary interaction parameter L (fcc)
Cr,Fe:N was introduced by Frisk [71] to improve the solubility limits of nitrogen in austenite at high pressures by fitting the experimental data from Feichtinger et al [79] . However, using this parameter in the G γ →ε calculation, the experimental results from Lee et al [1, 18, 52] and Hwang et al [54] in the Fe-18Cr-10Mn system with higher nitrogen contents (see table 1) cannot be described. For these steels, using the L (fcc) Cr,Fe:N by Frisk [71] , the model predicts a highly stable austenite phase, although after deformation, the non-deformed γ -phase was transformed to ε-and α -martensite ( figure 3(a) ). Previous results of Dimova et al [80] on nitrogen solubility in Fe-22Cr-3Mn and Fe-21Cr-5Mn confirm considerably lower values as calculated for fcc Fe-Cr by Frisk [71] . Since there are no further thermodynamic data available in the literature to reproduce these experimental observations, L (fcc)
Cr,Fe:N should be approximated by setting it equal to the parameter for figure 3(c) ) in order to adjust the G γ →ε = 0 transition line. This assumption can be adopted from Frisk [71] for the ternary parameter L (hcp) Cr,Mn:va that was set equal to L (fcc) Cr,Mn:va from Lee [81] . Furthermore, the parameter L (fcc) Cr,Fe:N,va as evaluated by Frisk [71] to adjust the miscibility gap of austenite and CrN nitride should be set zero due to its strong influence on the nitrogen solubility in austenite and thereby the stability of the γ -phase ( figure 3(b) ).
Model validation with experimental data
The calculated Gibbs free energy G γ →ε maps at 300 K for the Fe-Cr-Mn-N system with the thermodynamic model by Qui [68] considering the works of Frisk [71] , are presented in figure 4 with constant chromium content. Increasing manganese and nitrogen stabilizes the fcc phase [82] [83] [84] which consequently results in an increase of G γ →ε and a shift of the G γ →ε = 0 transition line to lower levels. By adding chromium to the system, the fcc phase is stabilized at lower nitrogen contents, as can be confirmed from the experimental results of Bracke et al [5, 6] in Fe-(0-10 wt%)Cr-Mn-N-C, while at higher nitrogen contents, the hcp phase becomes more favorable. This trend can be explained by the thermodynamic description of the hcp phase by Cr 2 N nitride as mentioned earlier. Accordingly, with increasing nitrogen in the system, chromium prefers to form a Cr 2 N nitride than staying in the fcc solid solution. The preference of chromium to form a nitride will be enhanced both with increasing chromium and nitrogen in Fe-Mn by rising the chromium content from 5 wt% ( figure 4(a) ) to 18 wt% ( figure 4(b) ).
The thermodynamic calculation of G γ →ε is verified by a number of chemical compositions in the Fe-Cr-Mn-N system available in the literature with the given microstructures before and after deformation at room temperature summarized in table 1. For all steels where the Gibbs energy is estimated to be positive ( G γ →ε > 0) in the described model, the microstructures before and after deformation at room temperature were reported to be fully austenitic ( figure 5 ). Whenever the initial austenitic microstructure was transformed to ε D -and/or α D -martensite by deformation, the calculated G γ →ε values were negative. In this regard, the prediction of the available microstructural phases in the non-deformed as-received state-to be fully austenitic or partially martensitic (thermal ε-and/or α -martensite)-is not possible since the composition-dependence of the driving force for the γ → ε transformation is still not clearly described in the literature. Recent works by Nakano [66] and Djurovic et al [63] suggest an increasing effect of carbon on the mentioned driving force in Fe-Mn alloys. Lee and Choi [85] reported an increasing driving force for γ → ε martensitic transformation in Fe-(14-26 wt%)Mn with increasing manganese content, while the experimental measurements of A s and M s -temperatures in Fe-Mn by Cotes et al [83] showed no dependence of the driving force on manganese content, which is consistent with Ishida's [86] reports. In earlier works, the driving force for γ → ε transformation was also found to be decreasing with the manganese content [87] , which was confirmed by Nakano [66] for Fe-Mn-C alloys with 10-35 wt% manganese. However, further research is required on this topic since the current thermodynamic databases have a shortage of appropriate parameters, especially in highly alloyed systems. In certain systems, this condition leads to inconsistencies in the prediction of thermodynamic phase stabilities. As an example, in most of the reviewed steels with nitrogen contents lower than 0.1 wt%, the Gibbs free energy, G γ →ε , was positive, which means that thermodynamically, the formation of ε-martensite was impossible, even though ε Dor α D -martensite were observed in the microstructure after deformation. Furthermore, manganese contents lower than 5 wt% resulted in the occurrence of delta ferrite up to 60 vol% in the as-received microstructure [29] . Overall, considering the range of chemical composition for the examined steels, the validity of the current model can be set to the following conditions: nitrogen: 0.1-1.0 wt%, chromium: 0-25 wt%, and manganese: 5-30 wt%. [7] were carried out to characterize the microstructure evolution in austenitic nitrogen-alloyed and nitrogen-free steels during deformation. It was observed that independent of presence or lack of nitrogen within the considered systems, two main mechanisms, namely, planar dislocation glide, promoted by chromium-nitrogen short-range ordering [96] [97] [98] [99] , and mechanical twinning affect the plastic deformation. As reported by Petrov et al [14, 15] , in more dilute solutions, nitrogen decreases the SFE. Hence, increasing the nitrogen content up to ∼0.4 wt% not only results in decreasing the critical strain and enhances the critical stress for the onset of mechanical twinning, but also induces mechanical twinning at a fine scale in more positions in the microstructure.
Stacking fault energy in the Fe-Cr-Mn-N system

Thermodynamic modeling of SFE
Early investigations by Müllner et al
Müllner et al [7] justified this observation based on the increasing effect of nitrogen on the local dislocation density, consequently affecting the distribution of active glide planes.
An explanation of this phenomenon was also given in the works of Gavriljuk et al [99] [100] [101] . Within the fcc iron lattice, nitrogen occurs as an interstitial element in solid solution, preferentially occupying octahedral sites [100] . In the vicinity of the nitrogen atoms, the concentration of s-electrons in the fcc iron increases, as was shown by ab initio calculations [101] and experimental studies on the electronic structure [99] . In the surroundings of the nitrogen atoms, the free electrons rearrange such that the energy of elastic distortions in the crystal lattice decreases [102] . The local electron density was shown to have a major influence on the dislocation interactions with nitrogen and can be attributed to the SFE in Fe-Cr-Mn alloys [101] . According to these results, the initial decrease of SFE in more dilute solutions due to the Suzuki segregation of interstitial nitrogen atoms to dislocations and stacking faults leads to the formation of locked dislocation barriers. At higher nitrogen contents, the SFE increases as the local segregation of nitrogen atoms becomes less effective. In that regard, the dependence of SFE on the nitrogen content has been reported to be strongly affected by the competition between the average nitrogen concentration in the bulk and the possible amount of segregated interstitials to the stacking faults. Hence, in order to calculate the SFE in the Fe-Cr-Mn-N system, the role of nitrogen segregation needs to be taken into account.
Using the general approach from equation (1) to calculate an ideal SFE, the interfacial energy b γ /ε is usually set as a constant value of 10 mJ m −2 [30] giving a linear relationship between the G γ →ε and SFE. According to Saeed-Akbari et al [32] the b γ /ε varies depending on different systems and studies between 5-27 mJ m −2 mainly for Fe-Mn-(Al,Si)-C, and in the work by Roncery et al [23] the SFE calculations for Fe-Cr-Mn-CN alloys were performed with an b γ /ε Figure 6 . Calculated SFEs using different approaches: SFE linear from equation (1) and SFE segr from equation (8) figure 6 . In comparison with the experimentally measured SFE in the Fe-15Cr-17Mn [14] [15] [16] and Fe-20Cr-17Mn [17] systems, the SFE linear is not representing the non-monotonous trend of SFE versus nitrogen content. The measurement of SFE in the referred works was performed using the bright-field weak beam transmission electron microscopy (TEM) technique to determine three-fold extended dislocation nodes. The final values of SFE TEM were obtained using the model proposed by Brown and Thölén [103] .
Correspondingly, two main approaches can be used to associate the effect of nitrogen segregation in equation (1): (1) Using a constant interfacial energy, b γ /ε , where a segregation term G γ →ε segr is added to the Gibbs free energy, G γ →ε , as proposed by Ishida [19] and Yakubtsov et al [12] :
(2) Assuming the interfacial energy as non-constant value, where b γ /ε comp is defined as a composition-dependent parameter, as proposed in this work:
The molar surface density ρ in equations (1), (8) and (9) can be calculated after Allain et al [60] with a geometrical-dependence expressed by the lattice parameter, a γ , of austenite. For the nickel-free austenitic stainless steels, the following composition-dependent equation by Srinivas and Kutumbarao [104] can be used to calculate a γ :
where x i is the molar fraction of element i in the alloying system. In the following, these two methods will be discussed. Interaction energy of nitrogen with dislocations in fcc iron alloys [12, 105] as function of nitrogen concentration.
Calculation of SFE considering G γ →ε segr
As introduced by Ishida [19] , the segregation term G γ →ε segr can be formulated (equation 11) as a sum of the chemical free energy G γ →ε chem due to Suzuki segregation from equation (12), the surface free energy G γ →ε surf due to the difference in concentration of nitrogen between matrix and stacking faults from equation (13), and the elastic free energy G γ →ε elast which is related to the segregation of substitutional and interstitial elements that have different atomic sizes, estimated to be negligible [19] :
with G γ →ε
The parameter x N and x s(N) representing the concentration of nitrogen in the bulk and at the stacking faults, respectively. While Ishida [19] assumed the contribution of nitrogen segregation G γ →ε segr not to be significant, in the work of Yakubtsov et al [12] the interaction of nitrogen with dislocations and the resultant segregation to stacking faults were included in the model. The calculated SFE segr for Fe-15Cr-17Mn with a constant b γ /ε = 4 mJ m −2 are shown in figure 6 . In order to estimate the segregation of nitrogen to the stacking faults, mainly considered in the G γ /ε , from Fe-15Cr-17Mn [14] [15] [16] , Fe-20Cr-17Mn [17] and Fe-18Cr-10Mn [1, 18] . nitrogen and stacking faults are not available [12] . The interaction values N were taken from the experimental approximations by Gavrilljuk et al [105] in the range of 0.13-0.52 wt% nitrogen and extrapolated by Yakubtsov et al [12] to 0-0.13 wt% nitrogen, as shown in figure 7 . In the lower range of nitrogen contents, the calculated SFE segr matches the experimentally found SFE values, reproducing the drop of SFE due to nitrogen segregation (see figure 6 ).
However, with increasing nitrogen contents above ∼0.4 wt%, the model deviates from the experimental results. The reason might be explained by the applied interaction energies, N , that are limited to 0.52 wt% nitrogen content and because of that, the pertinency to the SFE at higher nitrogen contents is observed. On the other hand, the model was capable of predicting the SFE in Fe-Cr-Ni system in the work of Yakubtsov et al [12] , which is, however, not comparable with the Fe-Cr-Mn system, as the interaction between nitrogen and substitutional elements changes depending on the available elements such as nickel or manganese [16, 106, 107] . (9), a non-monotonous composition-dependent description of the b γ /ε for the Fe-(Cr)-Mn-N system can be proposed. Therefore, the experimentally measured SFE in the Fe-15Cr-17Mn [14] [15] [16] and Fe-20Cr-17Mn [17] systems, and another system investigated by Lee et al [1, 18] with 7 wt% less manganese, Fe-18Cr-10Mn, were used, representing the increasing effect of manganese on SFE [32, 61] . In figure 8 , the corresponding polynomial to the experimental SFEs and the derived b γ /ε are shown.
The effect of nitrogen on b γ /ε is produced as a non-monotonous trend reflecting the influence of nitrogen segregation on SFE ( figure 8(b) ). Although the chromium content of the Fe-20Cr-17Mn was much higher than in the Fe-15Cr-17Mn with the same manganese content, the SFE value of this alloy matched the applied polynomial description of the low chromium alloys. The effect of manganese content on b γ /ε in the Fe-Cr-Mn-N system was found to be inversely proportional. The obtained values of b γ /ε by Cotes et al [83] from the experimental SFE data of Volosevich et al [108] and Schumann [109] in the low carbon binary Fe-Mn system show a similar trend of b γ /ε . Besides, several authors presume a linear relation of SFE and manganese content in the Fe-Mn system, as also suggested by Nakano and Jacques [33] . The appearance of a minimum in the b γ /ε curve as a function of manganese content in the published data from Volosevich et al [108] arises from the corresponding SFE values at room temperature; however, this trend is not corroborated at this time. Using a modified embedded-atom method, Kim et al [53] explain the drop in the b γ /ε curve as the result of manganese segregation to the stacking faults in Fe-(10-20 wt%)Mn. However these findings were not experimentally proven. Figure 9 shows calculated SFE values compared with the experimentally measured SFE showing an excellent agreement, which supports the quite reasonable calculation of SFE with a non-monotonous b γ /ε . Moreover, the SFE calculation accurately predicts the active deformation mechanism and by that the mechanical fcc phase stability, for a wide range of chemical compositions in the Fe-Cr-Mn-N system.
As can be seen from figure 10, steels with a positive calculated effective Gibbs free energy, G γ →ε , were expected to have a SFE > 18 mJ m −2 which was assigned for the activation of deformation induced twinning, and confirmed the mechanical stability of the γ -phase. For all steels where deformation induced ε-or α -martensite formation was observed, the calculated G γ →ε was found to be negative and the corresponding SFE values were lower than 18 mJ m −2 . Compared to these results, the transition between the activation of the TRIP and TWIP mechanism has also been proposed to be at the SFE of 18 mJ m −2 by Allain et al [60] in Fe-22Mn-0.6C and 15 mJ m −2 by Rémy [34] in Fe-5Cr-20Mn-0.5C. At higher SFE values of around 35 mJ m −2 , the mechanical twinning will be slightly suppressed and (planar) dislocation glide becomes the dominant deformation mechanism. A strict division between the SFE values in the TWIP region and pure dislocation glide is not suggested as only a few works in the literature (dark gray dots in figure 10 ) reported the deformation mechanism to be fully controlled by dislocation glide without mechanical twinning occurring. The corresponding SFE maps at 300 K for the Fe-Mn-N system with the constant chromium contents of 5 and 18 wt% are presented in figures 11(a) and (b), respectively. With increasing manganese and nitrogen content, the SFE increases. Due to the continuous decrease of b γ /ε with increasing manganese content, at higher nitrogen contents the SFE exhibits a slight drop which is more pronounced at lower chromium contents. This trend, however, will just occur for very high SFE levels, where twinning plays a subordinate role as a deformation mechanism. Experimental data on the effect of manganese on SFE in this range of chemical compositions, above all in this system, are not available.
Due to the lack of experimental data, the influence of alloying with chromium on b γ /ε has not been described until now, but the impact of chromium on G γ →ε can be assigned to the SFE in Fe-Mn-N system. The effect of chromium on the SFE by calculation agrees with the experimental results in Fe-18Mn-5.6Cr-0.25C [6] for Cr < 10 wt% and in Fe-Cr-Ni [20] . At lower contents, chromium increased the SFE while at higher chromium contents the SFE decreased, which was similar to the values shown by Miodownik [20] in Fe-Cr-Mn. Nevertheless, there are diverse discussions in the literature concerning the effect of chromium on the SFE. According to Ferreira and Müllner [21] , with increasing chromium in the Fe-Ni system, the SFE faces a minimum which confirms other studies in the same system by Rhode and Thompson [110] with the minimum at 20 wt% chromium. Other results describe a decreasing effect of chromium (up to 10 wt%) on the SFE in Fe-22Mn-0.6C [61] or Fe-Cr-Ni [25, 111] . Dai et al [27] explained this behavior for carbon steels and in the Fe-Mn system instead, and reported that the addition of chromium (or manganese) in small amounts will raise the SFE. Further research is required to confirm any of the latest results regarding the effect of chromium on SFE, especially with a focus on different alloying systems. Accordingly, the early studies by Lee [106] confirmed that the substitution of nickel by manganese will have a major influence on the activity of chromium in austenitic stainless steels that will affect the austenite stability as well as the mechanical properties.
Conclusions and outlook
In this review we have introduced and evaluated the state of the art approaches for SFE calculation by computational thermodynamics in the Fe-Cr-Mn-N system. The currently available thermodynamic data for the calculation of G γ →ε accurately define the upper limit of hcp martensite (ε) formation ( G γ →ε = 0 equilibrium line) across a broad range of chemical compositions. In order to consider higher order interactions and the interstitial solid solution of nitrogen on the thermal and mechanical phase stability, the sublattice model has to be applied for the G γ →ε calculation, rather than the simplified subregular solution model. It appeared that manganese and nitrogen both stabilize the fcc phase. However, adding chromium to the system results in the stabilization of the fcc phase at low nitrogen contents, while at higher nitrogen contents, the hcp phase becomes more favorable. This can be explained by the thermodynamic description of the hcp phase as Cr 2 N nitride. The two common methods for the SFE calculations in the Fe-Cr-Mn-N system using (i) a constant interfacial energy b γ /ε and (ii) including a segregation term, G γ →ε segr , to the Gibbs free energy, G γ →ε , were discussed and found not to suitable reproducing the effect of nitrogen on SFE over a wide range of chemical composition. Therefore, a non-monotonous composition-dependent description of the interfacial energy, b γ /ε , was proposed that could be successfully assigned for the activation of deformation-induced twinning in Fe-Cr-Mn-N stainless steels. At the moment, the model validity can be set to the following range of chemical compositions: nitrogen 0.1-1.0 wt%, chromium 0-25 wt%, and manganese 5-30 wt%.
However, further research is required to use the appropriate thermodynamic models and parameters as strong tools to predict and to verify the role of different alloying elements in highly alloyed systems with respect to the phase stabilities and deformation response. Defining the composition-dependency of the driving force for the γ → ε transformation in high-manganese austenitic steels is necessary. Particularly in higher order systems, the shortage of current thermodynamic datasets may lead to certain inconsistencies in the prediction of the thermodynamic phase stabilities and the available microstructural phases before plastic deformation in more dilute solutions.
The effect of chromium on interfacial energy is not yet clearly described due to the lack of experimental data. Nevertheless, since chromium is known to have a strong interaction with nitrogen leading to the occurrence of short-range ordering, future works must include this element in the model development. The resultant random chromium distribution in the material that was previously reported not to be affected by nitrogen in the iron-matrix [98] , as well as the interaction of chromium with other substitutional elements like manganese, may have a major impact on b γ /ε .
In addition, the ongoing ab initio calculations could be used to support understanding of the composition dependency of the interfacial energy in various systems. As carbon in Fe-Cr-Mn-N system is of particular interest [18, 23, 51, 101, 112] , the development of a carbon-nitrogen di-interstitial [113] thermodynamic model combining the Fe-Cr-Mn-N and Fe-Cr-Mn-C systems is the aim of our future research [18] . The basic approach will be to use the reported assessment of the Fe-C-N system by Herzmann [114] and Du and Hillert [75] which was later re-evaluated by Du [115] , where the carbon-nitrogen interaction was considered in the ternary parameter L Fe:C,N for the hcp and fcc phases. The thermodynamic description of the hcp phase depending on carbon and nitrogen has to be validated delicately, since the solubility of each interstitial element in the hcp phase is essentially different [116] . 
